Effect of crystal defects on the electrical properties in epitaxial tin dioxide thin films by Dominguez, J. E. et al.
APPLIED PHYSICS LETTERS VOLUME 81, NUMBER 27 30 DECEMBER 2002Effect of crystal defects on the electrical properties in epitaxial tin dioxide
thin films
J. E. Dominguez, L. Fu, and X. Q. Pana)
Department of Materials Science and Engineering, The University of Michigan, Ann Arbor, Michigan 48109
~Received 29 August 2002; accepted 26 October 2002!
Epitaxial ~101! tin dioxide thin films with thickness ranging from 6 and 100 nm were deposited on
the (101̄2) a-Al2O3 substrate by femtosecond pulsed laser ablation. Due to the lattice and thermal
expansion mismatch with the substrate, the SnO2 film shows interfacial misfit dislocations,
antiphase boundaries~APBs!, and partial dislocations. The APBs lie along the (1¯01) planes with a
displacement of 1/2@101#. The densities of APBs and partial dislocations vary with film thickness,
whereas the average spacing of misfit dislocations remains constant. Hall effect measurements
showed that both electron concentration and mobility decrease with a reduction in the film
thickness, which is ascribed to the scattering of electrons by crystal defects and interfaces and the
effect of a native space charge region at the near-surface region of the films. The response of the
films to reducing gases was found to depend on the electron concentration of the film and the
relative fraction, with respect to film thickness, of material that is depleted of electrons. ©2002














































The measurable interaction between semiconductor
ide surfaces and the ambient has resulted in a great num
of practical applications, especially as sensor materials.
monitoring a given variable such as resistance or chem
potential, it is possible to obtain an input, although transie
from ambient conditions. The reliability and reproducibili
of these sensors is dependent on their signal drift over ti
Oxide sensors are usually affected by changes in bulk
ichiometry over time due to prolonged exposures to differ
atmospheres at relatively high temperatures.1 For example,
drift in tin dioxide gas sensors is known to occur due
grain-boundary diffusion of oxygen species to and from
bulk.2 Our recent work showed that the properties of Sn2
thin films strongly depend on the microstructure and che
istry of the film.3–5 The presence of grain boundaries in g
sensors also implies complex responses due to the ele
trap states formed at the interfaces, which result in back
back Schottky barriers.6 The height of these barriers can b
modulated by the adsorption or desorption of oxygen
other gaseous species.7 Furthermore, the catalytic activity a
grain boundaries is not well understood and dopants or
sorbed species located inside them can give rise to nonli
current–voltage relationships.8 These deleterious effects ob
served in ceramic pellet sensors can be avoided by the
rication of ultrathin single-crystal film sensors. The most i
portant advantages of thin-film sensors over bulk cera
sensors reside on their fast response, sensitivity to very d
gas concentrations, good reliability and reproducibility, a
relatively simple fabrication. Heteroepitaxial SnO2 thin
films, for gas sensors applications, have been fabricated
different orientations of thea-Al2O3 substrate.
9–12 We have
reported the fabrication and microstructure of single-crys
SnO2 films deposited by femtosecond pulsed laser abla
on the (101¯2) a-Al2O3 substrate.
























our studies on the structure–property relationships of sin
crystal SnO2 films with different thicknesses.
Tin oxide films were deposited on a (101¯2) a-Al2O3
substrate using femtosecond pulsed laser ablation. The d
sition conditions used were the same as reported previou
with a laser wavelength of 780 nm and a pulse width of 1
fs.12 The substrates were resistively heated to 700 °C an
background oxygen pressure of 0.1 mTorr was used du
deposition. The microstructure of the films was studied us
transmission electron microscopy~TEM! and x-ray diffrac-
tion. All films were deposited on the substrates cut from
same 3 in. wafer. X-ray diffraction analyses~u–2u and pole
figures, not shown here! indicate that all the films were
grown epitaxially on the substrate with SnO2(101)
3@010#//Al 2O3(101̄2)@12̄10#. The full width at half maxi-
mum from rocking curves also indicated high crystallinit
with values ranging from 0.5° for the 15 nm thick film t
1.2° for the 100 nm thick ones.
The lattice mismatch between the (101)SnO2 film and
the (101̄2) sapphire substrate is 11.42% along the@010# di-
rection and20.4% along the@ 1̄01# direction of SnO2. Misfit
dislocations with Burger’s vectorb51/2@ 1̄01# were ob-
served along the@010# direction of SnO2, but no dislocations
or planar defects are observed when the film is viewed in
@ 1̄01# direction~see Fig. 3 in Ref. 12!. Figures 1~a! and 1~b!
are dark-field images of 15 nm and 60 nm thick films, bo
taken with electron beam incident along the SnO2@010# di-
rection. The parallel fringes in these images are cohe
crystallographic shear planes~CSPs!, which are usually
called antiphase boundaries~APBs!. The APBs lie on the
(1̄01) planes with a displacement vector of 1/2@ 01#. By
comparing Figs. 1~a! with 1~b!, it can be seen that the spa
ing of APBs decreases with film thickness and that AP
tend to terminate inside the film as the film thickness
creases. The termination of an APB in the film will create














































5169Appl. Phys. Lett., Vol. 81, No. 27, 30 December 2002 Dominguez, Fu, and Pan1~c! shows the total density of APBs and the partial dislo
tions as function of the film thickness. One sees that
density of APBs decreases with increasing film thickness.
the other hand, the density of partial dislocations increa
with film thickness.
The occurrence of CSPs in the rutile structure could
caused by thermal stresses or defect clustering due
nonstoichiometry.13,14 In the present situation, the shear d
rection is in the shear plane, which indicates that the stoi
ometry is conserved everywhere except at the partial di
cation at the end of the APBs.15 In addition, the distance
between coherent CSPs is random in epitaxial SnO2 films, in
contrast to the ordered CSP arrays found in nonstoichiom
ric titanium oxides.16 Furthermore, it is well known that in
the rutile structure the most favorable slip planes corresp
to the $101% family of planes,17 which is consistent with our
observations@Figs. 1~a! and 1~b!#. On the other hand, x-ray
diffraction and cross-sectional TEM studies showed that
SnO2 film is misoriented from the substrate about 1°. Thus
is possible that thermal stresses or substrate steps ar
contributing factor to the formation of coherent CPSs.
Figure 2 is a high-resolution TEM image of the interfa
between a 6 nmthick SnO2 film and the sapphire substrat
Quasiperiodic misfit dislocations at the interface are clea
visible, as well as some APBs. The missing half planes
located in SnO2 because the film is compressively straine
The Burger’s vector of the dislocations is 1/2@ 1̄01# in the
SnO2 film. The spacing between dislocations for a co
pletely strain-relaxed film is calculated to be 2.48 nm. T
spacing is nearly constant~;2.5 nm! for all films studied,
FIG. 1. ~a! Dark-field image of the 15 nm and~b! 60 nm thick SnO2 film
viewed in the@010# direction showing planar defects~arrows!. ~c! The den-


















which corresponds to a relaxation of about 90% of the int
facial mismatch strain.
Four-point probe resistance and Hall effect measu
ments were conducted. Figure 3~a! shows the electrical con
ductivity as function of inverse absolute temperature, for
epitaxial films with three different thicknesses, 6, 60, a
100 nm. A difference in conductivity of about 4 orders
magnitude is observed between the 6 nm and 100 nm t
films. Figures 3~b! and 3~c! show the calculated carrier den
sity and mobility of the films as a function of inverse tem
perature. The carrier density and mobility decrease with
ducing film thickness. The activation energy, calculated fr
the slope of Fig. 3~b! (N5K exp(2Ea /kT), whereEa is the
activation energy! are 0.52 eV, 0.11 eV, and 0.07 eV for th
6, 60, and 100 nm thick films, respectively. The difference
transport properties of the films is caused by the interac
between electrons and crystal defects in thin films and a
from the effect of the film surface and the film/substrate
terface. Since all films studied in this work were deposit
under the same conditions except for different film thickne
we neglect the effect of point defects~mainly oxygen vacan-
cies! in the present work. Crystal defects such as dislocati
and APBs can act as scattering centers for electrons18 due to
the distortion of the crystal lattice near the defects, wh
decreases the mobility of the electrons. Studies of pla
defects in CdS19 have shown that the mobility can be signifi
FIG. 2. ~a! High-resolution TEM image of the (101)SnO2 /(101̄2)Al2O3
interface viewed in the SnO2@010# direction showing misfit dislocations
~circled! and APBs~arrows!. ~b! Average spacing between misfit disloca
tions a function of film thickness.
FIG. 3. Electrical transport properties of films with different thicknesses
a function of inverse absolute temperature;~a! conductivity, ~b! electron















































































5170 Appl. Phys. Lett., Vol. 81, No. 27, 30 December 2002 Dominguez, Fu, and Pancantly reduced for films with planar defect densities grea
than 103 faults/cm, much lower than the density found in t
SnO2 films shown here. For a highly faulted material, t
mobility m has been considered similar to materials w
grain boundaries:
m}mbF11m expS qf fkT D G
21
, ~1!
wherem is the defect density,q is the electron charge,f f is
the potential at the stacking fault, andmb is the bulk mobil-
ity. Equation~1! predicts a decrease in mobility with increa
ing defect density and temperature, as seen in Fig. 3~c! On
the other hand, misfit dislocations also create a potential w
at their cores and electrical barriers beside the well, wh
reduce the electron mobility.20 This effect becomes mor
pronounced for thinner films. Also, the film surface and t
interface between the film and substrate can scatter con
tion electrons. As the film thickness gets closer to the e
tron mean-free path in bulk SnO2 ~about 8 nm using 250
cm2/V s for bulk SnO2 mobility!, the scattering effects o
interfacial defects, film surface, and film/substrate interfa
increase, reducing the electron mobility in the film.
CSPs can also influence the free electron concentra
of the film. Previous studies15,21have suggested that cohere
CSPs terminating inside SnO2 film may produce oxygen va
cancies. Coherent CSPs that terminate at the film surfac
not change the film stoichiometry and thus have no effec
the electron concentration of the film. Since the free el
trons in pure SnO2 come primarily from oxygen vacancies,
greater number of APBs terminating inside the film crea
higher electron concentration. Thus, as the film thickness
creases, the electron concentration of the film also incre
due to the increased number of APBs that terminate ins
the film, as shown in Fig. 1~c!. Furthermore, charged APB
can create traps for free electrons that further reduce
electron density in the films.
Another factor decreasing electron concentration a
mobility with film thickness can be due to the native spa
charge of the films. A native space charge appears due to
presence of surface states. These surface states can a
due to ionized oxygen adsorbed during high-tempera
deposition and subsequent cooling or negatively charged
tive ionic species at the surface, such as surface lattice2,
which is known to appear at high temperatures on ox
surfaces.22 The presence of a negative charge at the surf
will result in an opposite charge at the near surface o
depletion region for ann-type semiconductor. Thus, the e
fect of having a native negative charge at the surface
result in a decrease in electron concentration in the n
surface region of the film. Since the charge trapped at
surface is a two-dimensional charge density, the volume d
sity of free electrons in the film will decrease with decreas
thickness. The concentration of charge at the near sur
can also act as a scattering center due to the band ben
and energy difference between bulk and surface electr
Thus, the mobility will also be reduced with decreasing fi
thickness as shown in Fig. 3~c!.
To test the response of the films to reducing gases,
films were heated to 365 °C in a reactor with flowing sy


































concentrations from 100 to 4000 ppm. Figure 3~d! shows the
sensitivity to hydrogen of the same films as in Fig. 3~a!–3~c!.
The sensitivity23 to hydrogen increases with reducing film
thickness with a clear maximum in sensitivity for the 6 n
thick film. This is a consequence of two synergetic facto
Film thickness and electron concentration. Oxygen adso
tion on ann-type semiconductor traps free electrons at
surface creating a negative charge at the surface that is c
pensated by an electron depletion zone near the surface.
depletion layer~Debye length! depends on electron concen
tration. The depletion width at about 350 °C would be abo
5 nm, 2 nm, and 1 nm for the films 6 nm, 60 nm, and 100
thick, respectively. The introduction of a reducing gas crea
a dynamic equilibrium wherein the oxygen coverage is
duced and the electron concentration is increased with a
sequent increase in the film conductivity. On the other ha
as the films become thinner, the depletion length is of
same magnitude as the film thickness and the relative cha
in conductivity with the introduction of a reducing gas
greater. The sensitivity of the film increases with decreas
film thickness.
In conclusion, the microstructure and electrical prop
ties of heteroepitaxial SnO2 films with varying thickness
were analyzed. It was found that crystal defects~misfit dis-
locations and APBs! in the films have strong effects on th
electron concentration and mobility of the films. The sen
tivity to reducing gases was found to increase with reduc
film thickness due to a greater extent of electron depletion
the film thickness decreased.
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